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Microscopic dynamics in the strain-hardening regime of glassy polymers
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MATEIS, UMR5510, 69100 Villeurbanne, France
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We study by Dielectric Spectroscopy the molecular dynamics of relaxation processes during plastic
flow of glassy polymers up to the strain hardening regime, for 3 different protocols of deformation.
The measured dielectric spectra cover 4 decades in frequencies and allow us to measure the evolution
as a function of the applied strain of the dominant relaxation time 7, and of the width Wr of
the distribution of relaxation times.The first protocol is performed at constant strain rate \. We
confirm that for increasing strain both 7, and w; first decrease reaching a minimum in the stress
softening regime before increasing in the strain hardening regime. In the second protocol we stop
the deformation at some point A, in the strain hardening regime and we let the sample age for
a waiting time t,,, during which the applied stress remains high. Upon resuming the deformation
at constant A, stress-strain displays a yield stress and a stress softening regime comparable in
magnitude to that of the reference protocol before rejoining the reference curve. In contrast the
dielectric spectrum measured during the second protocol recovers the one measured during the
reference curve much later than strain-stress. In the third protocol the stress is canceled during t,,.
In this case after recovering the constant A the dielectric spectrum and the stress-strain curve rejoin
almost immediately the reference curve. We interpret these different behaviors as the consequence
of changes in the free energy barriers for a-relaxation induced by the stress applied to the sample.
These changes are the sum of two contributions: a) the first one, which allows for plastic flow, is due
to the applied stress o and, according to a recently published theory, scales as —o?; b) The second
contribution (), which is a function of the chain orientation at the monomer level, is positive and
is responsible for the stress hardening regime. The first one evolves immediately upon varying the
stress whereas the second relaxes very slowly upon cessation of the applied stress. Our interpretation
for the results of the third protocol is that aging dynamics is frozen when the stress is removed, as
it is known for polycarbonate at room temperature. Our experiments set precise conditions for a
theory of strain hardening.

Keywords: polymer glass, relaxation time, dielectric spectroscopy, strain softening, plastic flow,

strain hardening, aging process, Bauschinger effect, memory effect

I. INTRODUCTION

Mechanical and dynamical properties of polymers have
been intensively studied for a long time, due to their
fundamental and technological importance [1]. When
strained at a given strain rate, beyond the elastic regime,
glassy polymers exhibit a maximum in the stress-strain
curves (yield point) at a strain of a few percents and
typical yield stress values of a few tens of MPa’s [2].
Beyond this maximum, depending on the history of the
sample [3], the stress may drop by a few tens of MPa’s
(strain-softening regime) before it reaches a plateau
corresponding to plastic flow. Strain-hardening (SH)
may then occur at even larger strain, corresponding
to an increase of the stress with strain, depending on
molecular weight and cross-linking [4, 5].

Polymers can be brittle or ductile, with strain hard-
ening occurring from a few tens of percent of true
strain during tensile experiments. Strain hardening has
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been observed in highly entangled amorphous polymers
such as polycarbonate (PC), poly(metyl)methacrylate
(PMMA) or polyvinyl chloride (PVC) [6, 7]. It can be
defined as a stress increase at high deformation [8-12]
with a characteristic slope, called the strain hardening
modulus (GR), of typical order of magnitude 107-10® Pa,
well below the glass transition [4, 13]. Strain hardening is
essential for obtaining high mechanical properties, since
this effect induces delocalization of the deformation and
prevents the propagation of cracks and the formation of
shear bands [5, 6, 14, 15].

Understanding deformation mechanisms of glassy
polymers on the microscopic scale, from the linear
regime up to the SH regime is an important and current
scientific challenge. Over the past 20 years or so, many
experiments with aim to identify and describe the
microscopic mechanisms at play during plastic flow have
been performed. One of the important features of the
glass transition is the heterogeneous dynamics close to
T, [16, 17] which has been demonstrated experimentally
over the past years by different techniques such as
NMR [18], fluorescence recovery after photo-bleaching
(FRAP) [19] or dielectric responses [20-22] among
others. The characteristic size £ of the dynamical
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heterogeneities has been estimated by NMR [18] to be 3
to 4 nm at Tg + 20K in PVAc, as well as by theoretical
arguments [23, 24]. Loo et al and Ediger et al [25-30]
have studied the dynamics under plastic deformation by
NMR and reorientation dynamics of small fluorescent
molecular probes respectively. They have shown that
the dynamics is strongly modified by the applied stress:
it is accelerated even before the yield stress up to the
stress softening regime and the onset of plastic flow.
On the contrary, the dynamics is slowed down in the
strain hardening regime [26-28]. They observed that the
evolution of the width of the distribution of relaxation
times is non monotonic. The width decreases first, and
reaches a minimum at the end of the stress softening
regime. Then, the width increases in the stress harden-
ing regime. This effect is quantified with the Kohlrausch
exponent [x [26-28] which characterizes the width of
the relaxation time distribution (RTD) and increases
up to the onset of the strain hardening regime, during
which it decreases. These effects have been confirmed
by Dielectric Spectroscopy experiments [31-33].

The increase of the relaxation time upon stretching
during the strain hardening regime appears to be a
key feature of the microscopic mechanisms involved.
Strain hardening had long been attributed, e.g. by
Haward [8], to the entropic elasticity of an entangled
or cross-linked rubbery network, an idea which was
supported by experiments showing an increase of the
hardening modulus with increasing entanglement or
cross-linking densities. =~ However more recent works
by Govaert et al and by Hoy et al converge towards
a different picture [6, 12, 34-36]. Van Melick and
co-wokers have shown that the hardening modulus
measured over a wide range of temperatures decreases
linearly with temperature and becomes very small near
the glass transition temperature, which goes against
an entropic model. The recent experiments which have
shown that the relaxation time increases in the SH
regime also contradict this picture [26, 28, 33, 37]. The
key new insights are that strain hardening appears to be
controlled by the same mechanisms that control plastic
flow [38] and the a-relaxation process on the monomeric
scale, which are related to molecular interactions and
are not directly related to chain conformation entropy.

On the theoretical side, a 3D mechanical model proved
to be able to reproduce the viscoleastic properties of
glassy polymers in the linear regime which showed that
the relaxation times spectrum covers up to 8 decades
[39, 40]. Regarding yield of glassy polymers, Chen and
Schweizer described the plastic onset, yield and plastic
flow with an approach similar in spirit to that of the
energy landscape [41, 42]. At small deformation, the
position of the system is slightly higher in the landscape,
resulting in an accelerated dynamics. When the stress
is relaxed, the system goes back down in its initial
state. At higher strain, the free energy barriers are

tilted and the system starts to flow. The change in
free energy barrier as a function of the stress has a non
zero slope at ¢ = 0 and is a convex function of o. At
a critical o. value, the barriers disappear altogether.
Dequidt et al proposed that the decrease of the barriers
is quadratic as a function of the applied stress and scales
like —o2, the reduction corresponds to the stored elastic
energy on the scale & ~ 5nm. The proposed model is
able to estimate the evolution of the relaxation times
distribution in 3D under any thermomechanical history
in the linear and plastic flow regime, but without strain
hardening. The physics introduced by Dequidt et al
[43-45] has been confirmed quantitatively by Belguise
et al. who accurately compared the model predictions
with the stress relaxation function measured in the small
amplitude plastic deformation regime [46].

Experiments aimed at determining how the distribu-
tion of relaxation times evolves in the plastic flow regime
are thus crucially needed to make progress regarding
the physical origin of stress hardening. Ediger at al.
[29, 30, 47] add some small fluorescent molecular probes
to polymer films under traction and measure their
reorientation dynamics, getting access to the relaxation
times distribution. It implies that the dynamics of the
probe is strongly correlated to the one of the polymer.
Dielectric spectroscopy (DS) allows to investigate the
molecular dynamics of relaxation processes by means
of the polarization of molecular dipoles on the polymer
sample. This technique is directly sensitive to polymer
mobility and it can be used to quantify the mobile
fraction of polymer. Thus it is very convenient for the
study of the microscopic mechanisms of plasticity. It
has already been used in combination with mechanical
deformation by Kalfus et al [31] and by the group of
Ciliberto [32, 33, 37] during tensile experiments coupled
with dielectric spectroscopy. We extend these studies to
the strain hardening regime and also to memory effects
in this regime. We consider various histories of deforma-
tion from the onset of the non-linear regime up to large
amplitude deformation. We consider three deformation
protocols. The first one is a constant strain rate proto-
cole up to large amplitude of deformation (close to the
breaking point of the sample). It allows us to describe
how the distribution of relaxation times evolves from
the linear regime, at yield, in the stress softening regime
and then in the strain hardening regime. We show in
particular that the dominant relaxation time evolves
non-monotonically, a result already obtained by Lee et
al |26, 27] and our group [33, 37]. Then we consider a
second "relaxation protocol". We stop the deformation
at some point during the strain hardening regime and
maintain fixed the deformation. The stress remains high.
We study the evolution of the distribution of relaxation
times as well as that of the dominant relaxation time
To during this ageing step under non-zero stress. Then,
we study the evolution of the distribution of relaxation
times after resuming the deformation. We observe, as it



is known classically, that the second stress-strain curve
recovers the reference one, which is a particular aspect
of the so-called Bauschinger effect. We also observe
that the distribution of relaxation times of the second
curve also recovers that of the reference one. We study
how these different curves rejoin the reference one as a
function of the subsequent strain. We do similar studies
in a third "unloading protocol" with the difference that
the stress is set almost to zero during the arrest step.
It allows us to compare ageing in the presence of an
applied stress to ageing without stress, as well as the
evolution of the relaxation time during ageing at zero
stress to that during ageing with non zero stress.

We consider in detail the evolution of the distribution
of relaxation times obtained by dielectric spectroscopy,
and the evolution of the dominant relaxation time at
the different steps of the applied deformation in all of
the different stretching protocols. By extending already
published theoretical works regarding the evolution of
the free energy barriers in the presence of an applied
stress, we show how our results allow us to explain,
at a qualitative level, several specific features of the
plasticity of polymers, from the onset of yield to the
stress hardening regime, as well as several specific
memory effects. We interpret these different behaviors
as the consequence of changes in the free energy barriers
for a-relaxation induced by the deformation applied
to the sample. We propose that these changes are the
sum of two contributions. The first one is negative
and scales as —o2, where ¢ is the instantaneous value
of the applied stress [43-46]. The second contribution
k(A), which is a function of the chain orientation at
the monomer level, is positive and is responsible for
the stress hardening regime [48]. The first one evolves
immediately upon varying the stress whereas the second
increases progressively upon applied strain and relaxes
very slowly upon cessation of the applied stress.

The article is organized as follows. In section II the ex-
perimental set-up and methods are described. In section
III, the measure of the dielectric properties is detailed
during the three stretching protocols: the reference one,
with continuous strain, the one with a stop at constant
strain, and the one with a stop with released stress. In
sections IV and V we discuss our results. We propose a
physical interpretation for the results based on existing
theories and propose how they may be extended in order
to deal with strain hardening.

II. EXPERIMENTAL METHODS

First, we describe the sample properties, then the ex-
perimental setup. The setup is divided into two indepen-
dent parts: the tensile machine and the dielectric spec-
trometer.

Samples: For the experiment, we have used com-

mercial extruded polymer films MAKROFOL DE ®)1-
1 000000 based on MAKROLON ®)polycarbonate (PC)
from Bayer. The film thickness is 125um and the glass
temperature of about 7, = 150°C. Prior to test, each
film is cut into a dog bone shape of size 42 x 21cm with a
gauge width of 16.4cm. The films are in the deep glassy
state since they are typically aged of several months or
years and the experiment is performed at room temper-
ature, which is far from the glass temperature.

Tenstile Machine: The setup is composed of the uni-
axial tensile machine that stretches the film until the fail-
ure. The film is attached to the two rollers of the ma-
chine with armed adhesive tapes. One of the two rollers
is fixed and coupled to the load cell 2kN which measures
the instantaneous force F'(t), whereas the other is mov-
able and connected to the linear actuator so as to mea-
sure the film length L(¢) (inset Fig.1). The quantities
of interest are the nominal stress o(t) = F(t)/So, with
So = 20.5mm? the initial cross section of the sample, the
strain A(t) = L(t)/Lo with Lg the initial length and the
strain rate A. Due to the presence of strain hardening
in PC (high ductility), failure occurs for high strain of
about A = 1.8 — 2. Note that such high strain leads also
to high variations of the film cross section which can make
a substantial difference between the true and the nomi-
nal stress. The true stress is estimated by the formula
o(t) = FA? /S, [48] with v the Poisson’s ratio of PC
v = 0.37. Note that the Poisson’s ratio may change dur-
ing applied deformation. For a more quantitative value
of the cross section, we refer to the work by Djukic et
al [15] who measured the variation of the volume of PC
samples during tensile strain deformation until breaking.
Fig.1 shows that the true stress can be as high as 150%
compared to the nominal stress at A = 1.8. Moreover,
we have checked that the sample deformation is homoge-
neous and there is no necking until the failure. To ensure
the reproducibility of the data, each presented curve is
the average of at least three tests.

Dzelectric spectrometer: In parallel, the setup is
equipped by a dielectric spectrometer which measures
the complex permittivity €*(w) = &'(w) — ie”(w) of the
film during the tensile test. In practice, the film is sand-
wiched and slides between two electrodes of 10 cm diam-
eter. Since the film can undergo post-buckling at high
deformation, we use an aqueous gel to facilitate the con-
tacts. We have checked that its influence on the mea-
surement can be neglected [49]: on the one hand the
water absorption in PC films is weak (< 0.2%) and on
the other hand the electrical resistance of the gel is very
low compared to the film. The electrodes are connected
with the impedance analyzer that spans over 5 decades
of frequency ranging from 10~2Hz to 103Hz. Typically,
the voltage signal applied to the electrodes is a 4V peak
to peak periodic signal, composed of a dozen frequencies
to ensure fast and precise impedance measurements at
these frequencies. To get the impedance spectra, data
are acquired at the sample frequency 8192 pts/s over a
time window which depends on the strain rate. For ex-



ample, in case of the constant strain rate protocol with
strain rate A = 2.5 x 107%s~! and a sample stretched
from A = 1 to A = 2, the window is 64 s giving 60 in-
dependent segments and 110 segments with an overlap
of 50% between each segment. For a faster strain rate
(A = 2.5 x 107357 1), the window must be shorter (5 s)
because on one side, the segments length must be long
enough to have access to the lowest frequency but on the
other side not too long in order to correctly describe the
dynamics as a function of strain. Finally, the data are
processed with the Welch algorithm to get the spectra
€*(w). More details on the procedure are given in Ref.
[49].

The dielectric spectrometer provides the permittivi-
ties: &'(w) = Cd/(e0SE) and &’ (w) = d/(g9SgRw) with
d the film thickness, Sg the electrode surface, the resis-
tance R and the capacity C of the film. In the follow-
ing, we will mainly focus on the quantity: tan(d)(w) =
e’(w)/e'(w) = 1/(RCw) which has the advantage to de-
pend only on the dielectric material properties and not
on the film thickness that can change during the tensile
testing. Rheo-dielectrics measurements allow us to probe
the molecular mobility of polymeric systems. Principles
and main results for measurements at equilibrium around
T, are reviewed by Refs.[50, 51]. The extraction method
for the mobility of the film from the tan(d)(w) spectra
will be explained in Sec.IIIL.1.

g0l A=25x10%s"

s (MPa)

FIG. 1. Nominal stress (solid line) versus strain.Measured
Young’s modulus: G’ = 817M Pa. An estimation of the true
stress (dashed line) is also indicated, see discussion. Inset:
Sketch of the experimental setup. (A) motor, (B) cell load,
(C) linear actuator, (D) sample fastening cylinders, and (E)
electrodes for the dielectric measurement. The whole setup is
enclosed in a Faraday cage to minimize low frequency elec-
tromagnetic perturbations coming from the outside.

III. MEASURE OF THE DIELECTRIC
PROPERTIES

In order to investigate how the distribution of the
relaxation times depends on the applied stress in the

post yield regime, we propose to examine three different
stretching protocols. The first is the constant strain rate
protocol Sec.III.1, in which we explore the evolution of
the main relaxation time 7, and the stretching coefficient
B (defined in Eq.1) as a function of strain. In particu-
lar these results will serve as a reference for analyzing
two other more complex stretching protocols, presented
in Secs.II1.2, IT1.3. The purpose will be to study how the
mobility is affected by the relaxation and the recovery
after strain stops or stress unloading procedures.

III.1. Constant strain rate protocol

The first protocol investigated is the constant strain
rate protocol, which consists in stretching the sample at
constant strain rate from resting state until the failure.
First, Fig.2(a) presents the stress-strain curve with A\ =
2.5 x 10*s~1, where four regimes can be distinguished:
(i) The stress starts increasing up to the yield stress from
A =1 to 1.08 (Pre-yield), (ii) then it decreases down
from A = 1.08 to 1.12 (strain softening), (iii) until it
reaches a plateau from A = 1.12 to 1.18 (Plastic flow).
(iv) Finally for higher strain A > 1.18, the stress increases
again (strain hardening) until the film breaks.

Dielectric data have been recorded at the same time
than the mechanical ones. Fig.2(a) shows the evolution
of tan(d) at specific frequencies as a function of strain.
What we see is that tan(d) evolves non monotonically at
fixed frequency. At rest, tan(d) is around 1 x 1072 at
0.125H 2 with ¢’(0.125) ~ 3 and £”(0.125) ~ 3 x 1073
(standard values in PC). Then at small strain, tan(d) in-
creases and continues to do so until reaching a maximum
value in the plastic flow regime (A = 1.12—1.18) of about
17 x 1073 at 0.125H z. This growth evidences an increase
of the dissipation in the film. Then for higher strains
corresponding to the strain hardening regime, tan(d) de-
creases down to the failure. In particular, we see that
the evolution of tan(d) contrasts with the stress behav-
ior. The maximum of tan(d) is reached after the yield
stress, in the plastic flow regime. In the strain hardening
there is a simultaneous increase of o with the decrease of
tan(d).

Note that in Fig.2(a), the variation of tan(d) is sim-
ilar for all the plotted frequencies, except that higher
amplitude variations of tan(d) are observed for lower fre-
quencies. The effect can be better seen in the tan(d)(w)
spectra. Fig.2(b) shows that only the low frequency be-
havior of the tan(d)(w) spectra in our frequency window
(107210 Hz) is affected and rises during the stretching
of the film. In particular, the elevation is the highest in
the plastic flow regime (A = 1.12 — 1.18) thus corrobo-
rated the evolution of tan(d) observed in Fig.2(a).

Ezxtraction method for 7, and 3: We interpret [31—
33] the rising of the tan(d)(w) spectra during stretching
as the progressive shift of the a relaxation peak towards
higher frequencies due to the mobility acceleration in-
duced by plasticity, see Fig.2(b). More quantitatively,



we have shown in Ref. [33] that from these spectra, it is
possible to estimate the mean relaxation time 7, and the
stretching coefficient 8 of the distribution of the relax-
ation times. In this section, we want to make use of the
full potential of the method to discuss in detail the evolu-
tion of 7, and $ in the whole the post yield regime. As a
reminder, the method uses the low frequency behavior of
the tan(J)(w) spectra to probe the « relaxation process.
In the typical Cole-Cole model for the « relaxation the
tan(d)(w) spectra can be approximated in the limit case
wTo > 1 by:

tan(d) ~ W (1)

where A = (€9 — €x0)/€x0 is the dielectric strength, 7,
the main relaxation time and [ the stretching exponent.

The method consists in fitting the low frequency be-
havior of tan(d)(w) in our frequency window and extract
the parameters. However, they cannot be determined
all together because, as it can be seen in Fig.2(b), the
relaxation peak does not show up completely in the fre-
quency window. More precisely, the extraction gives (3
and an intermediate relaxation time 7.;y that depends
on 7, and A so that it is possible to infer 7, only by
assuming the value of A and its constancy all along the
test. We recognize that the method does not directly
provide the main relaxation time 7, but it gives at least
a relevant estimation.

Although not straightforward, the interpretation of the
rising of the tan(J)(w) spectra as a consequence of mobil-
ity acceleration is supported by several evidences which
have been discussed in details in previous studies [31-
33]. For example, one important fact is that the rising
of the tan(d)(w) spectra during stretching and at any A
looks qualitatively similar to the one caused by the mo-
bility acceleration as the system is heated close to Tj.
The similarity has been observed for different types of
polymer glasses (PVC or PC) either for tan(d)(w) or for
other dielectric quantities such as ¢’(w), see Ref. [31-33].
A A-type dipole polymer has his dipoles along the chain.
Our polycarbonate sample is a B-type dipole polymer for
which dipoles are carried on pendant groups [52]. Indeed,
we did not observe any peak at lower frequencies in the
high temperature range other than the one corresponding
to the a-relaxation process.

Moreover, we have shown in Ref. [33] that the large
increase of the tan(8)(w) spectra with the strain rate A
ranging four decades 1076571 < A < 1073571 is much
more compatible with a tremendous increase of 7, sat-
isfying the scaling law 7, ~ 1/X rather than an unlikely
increase of A up to a factor of 100. Even if we do not
exclude that the dielectric strength A may vary by a fac-
tor of the order of a few units during the stretching, this
variation alone cannot be enough to justify the evolution
of 7, covering several orders of magnitude. Then, the
estimation of 7, should not be so far from the reality.
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FIG. 2. (a) tan(d) = €” /&’ (Left axis) at several frequencies
{0.125,0.5,1, 7} Hz and nominal stress o (Right axis) as a
function of strain for the constant strain rate protocol with
A =25x10"*s71. (b) tan(6)(f) spectra pick up at several
strains. In red dashed line, two examples of fit with Eq.1 for
A=1.17 and A = 1.51.

A possible value of A can be obtained from the tem-
perature measurement of Ref. [32] made on the same PC
film, where we have measured A = 0.125 at T' = 152°C.
With this value, one can get an estimation of 7,: For
example, at A\ = 1.17, the numerical application gives
To =~ 40s and § ~ 0.5. In Fig.3 and Fig.4, we apply
systematically the method to extract 7, and 3 as a func-
tion of strain A for the constant strain rate experiment
with two different strain rates A = 2.5 x 10~*s~! and
A=25x10"3s71.

Evolution of 7,: The variation of tan(d) at fixed
frequency observed in Fig.2(a) with A = 2.5 x 10~%s~1
can be therefore understood and converted into a non-
monotonic variation of the main relaxation time 7,. This
novel perspective shall allow us to better characterize the
deformation regimes at work in PC, see Fig.3(a). In-
terestingly, the four regimes described above in term of
stress remain also relevant when considering the evolu-
tion of 74: (i) Pre-yield: the stress and the mobility both
increase, (ii) strain softening regime: the stress decreases
whereas the mobility continues to grow, (iii) plastic flow:
the stress and the mobility reach a plateau and finally



(iv) strain hardening: the stress increases again whereas
the mobility decreases.

The variations at low frequencies in tan(d) are also sen-
sitive to strain rate [31-33] so that the extracted value 7,
should also depend on it. To confirm this dependance, we
reproduce the experiment with a strain rate one decade
faster A = 2.5 x 1073571, Fig. 3(b) shows that the evo-
lution of the dimensionless parameter 7, A with ), col-
lected at different strain rates, collapse in a single curve.
In other terms, the extracted 7, follows an approximate
1/ scaling law, valid for the entire post yield regime of
the polymer glass. Interestingly the value of Ta A reaches
about 1072 in the plastic flow regime (A ~ 1.12 — 1.18),
which is comparable to the value reported in the plas-
tic flow of Poly(methyl methacrylate) (PMMA) glass ob-
tained with the molecular probe reorientation experiment
[53]. Benefiting from the high ductility of PC, Fig. 3(b)
also shows the influence of the strain hardening on the
dynamics. For example, in the range of 1.18 < X < 1.8,
the quantity 7, monotonically increases by a factor of
ten. Therefore, the global effect of the strain hardening
is to slow down the mobility while holding a scaling law
of type 7, ~ 1/A until the failure of the film.

Evolution of (3: Besides the dominant relaxation
time, the extraction also provides the stretching ex-
ponent (B that quantifies the width of the distribution
of relaxation times. An increase of [ corresponds to
a narrowing of the distribution, and a decrease to a
broadening of the distribution. The comparison between
Fig.3(a) and Fig.4(a) shows that f§ is correlated with
To in all regimes of deformation. A faster mobility
(decrease of 7,) tends to homogenize the dynamics
(increase of (). For example in Fig.4(a), the mobility
through 7, and the stretching exponent 8 both increase
in the stress softening regime (ii) and reach a maximum
in the plastic flow (iii), with a maximum for § of about
0.5. Then, the mobility and S decrease in the strain
hardening regime (iv). From our measurement, we also
note that g ranges between 0.4 — 0.5 in the entire post
yield regime, see Fig.4(a), which is systematically above
the value measured at fix temperature for which g is
much closer to 0.2 — 0.3 in the range 130°C — 170°C
[32]. It means that while the mobility of the stretched
film increases towards the plastic state, similarly to
a heating near Ty, the dynamics under stress is on
the contrary much more homogenized. Therefore, we
conclude from dielectric measures that: (1) the mobility
is positively correlated with the homogeneity of the
polymer dynamics under stretching and (2) stretching
is not strictly equivalent to heating. This fully supports
similar conclusions made earlier by mechanical [54] or
by molecular probes experiments [26, 55]. Theoretically,
the models of Refs.[41, 43, 44] account for this effect.

In Fig.4(b), the relation between 8 and 7, can be made
even more precise. We observe for the constant strain
rate experiments that § is linearly correlated with In(7,)
in all post yield regimes. The relation holds either for
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FIG. 3. (a) Mean relaxation time 7, (Left axis, dots) and
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2.5 x 107*s71. (b) Dimensionless parameter 7, A as function
of strain for the two strain rates indicated. 7, and [ are
extracted with the dielectric strength A = 0.125. The same
value of A is used in the rest of the article.

A=25%x10"%s"!or for A = 2.5% 1073571, the slopes be-
ing almost the same (not shown here). In particular, this
supports recent results of Ediger and coworkers [26, 30]
obtained in stretched PMMA and PLA glasses by molec-
ular probe experiments. A similar relation with a mate-
rial dependent slope is found, so that it is highly probable
that the slope depends also on the material in our case,
although we did not test it. Moreover, it should be noted
that the relation § o In(7,) holds for any protocols and
when the relaxation time either increases or decreases
during the constant rate experiment. In the relaxation
and unloading protocols presented in Secs.II1.2, IT1.3, the
relation is retrieved either before the waiting steps, or af-
ter once the strain rate resumes (at A = 2.5 x 107%s71).
This can be viewed in Fig.4(b) where we see that the
data obtained for the three protocols overlap each other.
For this reason, the relation may be quite universal and
should reflect an important feature of the plasticity. The
evolution of 7, and f especially in the strain hardening
regime, will be further interpreted in Sec.IV.1.
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II1.2. Relaxation protocol

In this section, we address the relaxation protocol in
which a waiting (aging) step is inserted in the middle
of a constant strain rate experiment (called reference in
the following), see Fig.5(a). First, the stretching of the
film starts at A = 2.5 x 107%s~! (i-initial step), then
the strain rate stops A= 0s~! in the post yield regime
(ii-waiting step) at a specific strain A, and during a
specific time ¢,,. For example, the waiting strain values
Ay investigated are either in the plastic flow / onset of
strain hardening A\, = 1.2 or in the strain hardening
regime A\, = 1.5. Regarding the waiting time t,,, the
values can be t,, = 100s, t,, = 1h or t,, = 62h. Once the
time is elapsed, the strain rate resumes at the same initial
strain rate (iii-recovery step). In particular, we will focus
only on one value of strain rate A=125x10"4s71,

Figs.5(b,c) show the temporal evolution of the stress
o(t) and the dielectric tan(d)(t) at specific low frequen-

cies during the experiment, with the aging parameters
Ao = 1.2 and t,, = 1h. The variation of the low fre-
quencies of tan(J) is again very important, reflecting the
variation of the mobility and therefore the distribution
of the relaxation times. It is possible to extract 7, and
B with the extraction method previously discussed and
show that 7, and S follow the same correlation as in
the reference protocol Fig.4(b). For this reason, we shall
discuss only the evolution of 7, during the experiment
Figs.5(d), since 8 can be directly deduced from it. The
following behaviors are identified, see Fig.5(b-d). During
the initial step A < A, the evolutions of o, tan(d) and 7,
are identical to the ones observed in the reference proto-
col: the stress undergoes a yield stress and decreases as
strain approaches A, = 1.2, while tan(d) and the mobil-
ity increase and reach a maximum. During the waiting
step starting at A, = 1.2 and time ¢;, o, tan(d) and the
mobility both decrease. Finally during the recovery step
which starts at ¢y = ¢; +t,,, the stress o, tan(d) and the
mobility start rising again. After a transitory period, we
see that all the quantities recover their reference values
as if no stop had occurred. For completeness, we show in
Fig.6 the corresponding evolution of the tan(d)(w) spec-
tra during the experiment.

Recovery step: We focus on the recovery step A > A,
of the relaxation protocol, from the resumption of the
strain rate and until the film breaks. Fig.7 shows the
behavior of the three observables : the stress o, the di-
electric tan(d) at 0.125Hz and the relaxation time 7,
compared with their reference behaviors, as a function
of the strain A\. On the one hand, we see that all the
properties of the film converge to their reference behav-
iors. On the other hand we also see that different values
of aging parameters, \,, and t,,, can drastically influence
the recovery dynamics. In the following, we denote the
recovery strain \.. at which the properties recover their
reference curves after the beginning of the resumption.

First, Fig.7(a,c,e) show the result for \,, = 1.2. When
looking at A > A, and at fixed t,, (for example 1h), the
three responses increase toward their reference behav-
iors exhibiting a temporary overshoot above the reference
curve before relaxing to it. Therefore, all the responses
are found to be non monotonic. However, note the fol-
lowing differences according to the observable. In case
of the stress ¢ in Fig.7(a), the overshoot peak is well
defined with a strong and sharp peak while in the case
of tan(0)(0.125) in Fig.7(c), the peak is much broader
and weaker. Another important difference lies in the
time occurrence of the overshoot peak. In case of the
stress, the peak occurs very soon after the resumption
so that the stress is most of the time situated above the
reference curve during the recovery step, while in case
of tan(d)(0.125) the peak occurs much later in time so
that the responses are below the reference curves during
a much longer period.

Figs.7(a,c,e) show the influence of ¢,,. We see that the
three responses o, tan(d) and 7, rejoin their reference
behaviors after a longer delay as t,, increases, so that the
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recovery dynamics is slowed down. For example in case of
o, the recovery strains are \.. = 1.23,1.25,1.42 at t,, =
100s, 1h, 62h, arrows in Fig.7(a) and in case of tan(d) (or
Ta)s Are = 1.23,1.45,1.65 at t,, = 100s, 1h,62h, arrows
in Figs.7(c,e). The slow down of the recovery dynamics is
caused by the film aging during the waiting step, which
is a well-known feature reported since the 1960s [56, 57].
In particular, Kramer [57] showed with a similar pro-
tocol applied to Nylon, that the amplitude and time of
the recovery response of the stress o scale with In(t,).
Similarly, the overshoot peak of the stress in Fig.7(a) de-
lays as well as grows in amplitude as t,, increases. We
have also checked that the logarithmic relation is veri-
fied in our case (not showed). Moreover, the Young’s
modulus G’ at the resumption also increases with t,,:
G’ =989,1091,1180M Pa at t,, = 100s, 1h, 62k, which is
another consequence of the film aging.

Interestingly, the slow down of the recovery dynam-
ics can also be observed for the dielectric quantity
tan(0)(0.125) Fig.7(c). An increase of ¢, increases the
amplitude and delays the overshoot peak as for the stress.
More precisely, it is even possible to scale the response

of tan(9)(0.125) by In(t, ), as we discussed it in Ref.[37].
The scaling proves to be efficient for large t,, such as
tw = 1h and t,, = 62h and works either for A\, = 1.2
and for A\, = 1.5. This new sensitivity to t,, in terms
of the mobility through the dielectric variables, in addi-
tion to stress, evidences a long term memory of the past
mechanical history.

In addition, Figs.7(b,d,f) show the recovery dynamics
after aging in the full strain hardening regime A,, = 1.5.
As in the case A, = 1.2, similar features can be noticed
such as the non monotonic responses of o, tan()(0.125)
and 7, or the slowing down of the recovery with the in-
crease of the waiting time t¢,,. Note that here, the over-
shoot of tan(9)(0.125) at t,, = 62 h is barely seen be-
cause it occurs presumably at deformations larger than
the breakdown. Note also that 7, rejoins the reference
curve at a very late stage. One major difference com-
pared to A\, = 1.2 is that the recovery dynamics at
Aw = 1.5 is much slower for a same t,,, which can be
observed on the dielectric variables tan(4)(0.125) and 74,
see Figs.7(d,f). Actually, the difference is quite sensitive.
At A\, = 1.2 and t,, = 1h, the recovery of tan(4)(0.125)
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and 7, to the reference curve occurs around \,. = 1.45
(equivalent to t —t; = 980s) after the resumption of the
strain rate, while at A\, = 1.5 and t,, = 1h, the recov-
ery occurs much later after the breakdown A.. > 1.85
(t —t; > 1400s). Such influence of A, on the dynamics
echoes previous observations made regarding the mobility
recovery after multi creep deformation [27]. The authors
show with molecular probe experiments, that mobility
takes a longer time to recover the reference after an ar-
rest in the strain hardening. This is the other side of
the same phenomenon. Hence, the results evidence that
the recovery processes after aging at high level of stress
depend on the waiting time ¢,, as much as the waiting
strain A,. In particular, the latter dependence may be
explained by the possible contribution of the strain hard-
ening. An interpretation is given in Sec.IV.3.

II1.3. Unloading protocol

The last protocol studied is the unloading protocol [58],
in which the polymer film is allowed to retract before
starting the pause interval. Compared to the relaxation
protocol of Sec.III.2, the main difference is that now the

pause interval is achieved at considerable lower stress.
Then the purpose is to identify what will be the influence
of the retraction step on the subsequent dynamics of the
mechanical and dielectric observables, in particular when
the strain rate will resume.

The unloading protocol is described in Fig.8(a). First,

the film is stretched with the strain rate set to A = 2.5 x
10~* s~ (i-initial step). Then at the deformation )\, and

time ¢, the strain rate is reversed (A = —2.5 x 107%s™1)
so that the deformation decreases (ii-retraction step).
When reaching A, at time ¢;, the strain rate stops and
the pause interval of duration t,, begins (iii-waiting step).
For comparison purposes, we choose the same waiting pa-
rameters in the pause \,, and t,, as those in the relaxation
protocol, either A\, = 1.2 or A\, = 1.5 for the waiting de-
formation, and either ¢,, = 1h or t,, = 62h for the waiting
time. Finally at t;, the strain rate resumes at the same
initial strain rate until the film breaks (iv-recovery step).
As in Sec. II1.2, all the experiments performed are car-
ried out with the same strain rate A = +£2.5 x 10~ 4s~ 1.
Note that in the reverse step, the stretched polymer re-
tracts itself because the film inherently wants to come
back to equilibrium to discharge its elastic component.
The deformation limit A, before reversing depends on
Aw and it is chosen in such a way that the stress drops
by a factor 10 during the retraction. Therefore A, is not
necessarily the same for A\, = 1.2 or A\, = 1.5. For ex-
ample, we choose A\, = 1.25 and A\, = 1.57 respectively
in case of A\, = 1.2 and A, = 1.5. Ideally, we would have
wanted to completely remove the stress but a residual
stress is needed to maintain the setup operational for the
rest of the protocol. However, this residual stress does
not change the results and therefore it will be neglected
in what follows.

As an example, the time evolution of the stress o and
the dielectric tan(d) at several frequencies are plotted in
Fig.8(a-b) during the unloading protocol with the pa-
rameters A, = 1.25, A\, = 1.2 and ¢, = 1h. Fig9
shows the corresponding tan(d) spectra. Again in this
protocol, the variation of the low frequencies of tan(d)
can be interpreted in terms of a variation of the mobility
(Fig.8(b,d)). As with the other protocols, 7, and S follow
the same correlation, see Fig.4(b). The three following
behaviors are identified. During the initial step A < A,
o, tan(d)(0.125) and 7, evolve as in the reference pro-
tocol of Sec.IIl.1. During the retraction step, the stress
decreases over time. Compared to the relaxation proto-
col, the decrease is controlled by the strain rate. In con-
trast, we can see that the behavior of tan(d) and 7, are
more complex. tan(J) first decreases and then stabilizes
to an intermediate value, as evidenced by the resurgence
occurring around t = 1500s, see Fig.8(b). In terms of re-
laxation time Fig.8(d), it means that the retraction step
temporarily stops the aging process and holds the mo-
bility at a non equilibrium value. In Fig.8(c) we observe
a slow increase of the stress over several thousands of
seconds while the deformation is maintained fixed before
the stress eventually levels off. This effect is a classical
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viscoelastic effect [1, 59] when one prevents subsequent
shape relaxation of a polymer sample after that the sam-
ple is allowed to relax at zero stress for a while. Inter-
estingly, one observes the simultaneous decrease of tan(d)
and of the mobility. We have checked that the evolution
of o, tan(6)(0.125) and the mobility are logarithmic pro-
cesses (not shown here). During the recovery step and
the resumption of the strain rate, o, tan(é) and the mo-
bility increase again so as to recover their reference values
as if no stop had occurred. Recovery step: We focus on
the recovery dynamics and ask, whether or not, different

waiting parameters A\, and t,, can change the recovery
responses, in a way similar to what has been observed in
the relaxation protocol of Sec. II1.2. Fig.10 summarizes
the results, by showing the stress o, the dielectric tan(J)
and the relaxation time 7, as a function of strain A\ for
different unloading protocols with various waiting param-
eters A\, and t,,. The reference curves are in black so as
to study the recovery responses. In contrast to the relax-
ation protocol, we see that the recovery responses in the
unloading protocol are much less sensitive to the waiting
parameters. For example, an increase of the waiting time
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has practically no influence neither on the stress o nor
on the dielectric variables tan(d) and 7,. In Fig.10(a),
the stress response o at fixed A\, = 1.2 exhibits a weak
overshoot for t,, = 62h and for ¢t,, = 1h, but the ampli-
tudes are eventually much smaller than those observed
in the relaxation protocol. At the opposite, it even ap-
pears that a longer waiting time slightly advances the
overshoot peak. Moreover, the recovery responses tan(9)
and 7, in Figs.10(b-c) do not exhibit any distinguishable
overshoots nor supplementary recovery delay. Besides t,,,
we see that the waiting deformation \,, has also little in-
fluence on the recovery dynamics. For example at fixed
ty = 1h and for different \,,, Figs.10(a-c) shows that o,
tan(d) and 7, behave the same regardless the value of A,,.
The behavior of the recovery responses in the unloading
protocol is in total opposition with the relaxation pro-
tocol, for which the waiting parameters t,, and \,, were
determinant.We come back to this point in Sec.IV.4.

IV. PHYSICAL INTERPRETATION

IV.1. General observations

We discuss here the physical interpretation of our
results following the same outline as the experimental
part. We start by recalling that our samples have aged
for a long time since they have been prepared, and that,
after a temperature quench, ageing corresponds to a
progressive increase of the dominant relaxation time
associated to a progressive densification of the polymer
[60, 61]. We first consider the reference protocol and
more specifically the results presented in Figures 2 and 3.
The main observation is the non-monotonic evolution of
the dominant relaxation time. The latter first decreases.
Note that it starts decreasing even before yield as it has
been observed in earlier experiments [25-28]. In Figure
3 the first results of our experiments start at yield, for
which the dominant relaxation time is 300 s, whereas
the initial relaxation time before deformation may be
estimated to be at least of the order of 10° s [61]. The
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dynamics goes on accelerating after yield and is the
fastest at the end of the stress softening regime, where
the stress reaches a minimum value. Upon applying
further strain, the dominant relaxation time starts to
increase at the onset of the SH regime. It increases
by roughly a factor 10 between A = 1.15 and A = 1.8
from about 30 s to about 300 s at A = 2.5 X 1074571
and from about 3 s to 30 s at A = 2.5 x 1073571, The
strain hardening is thus associated with an increase of
the dominant relaxation time. Note that in any case,
the increase of relaxation times during SH remains
moderate, here about 30 s. Even in the strain hardening
regime the glassy polymer remains in an strongly ac-
celerated state as compared to the initial one for which
the relaxation time after ageing was 10° s or more. The
evolution of the stretching parameter § in figure 4 is also
non-monotonic. [ increases first from the intial value
between 0.2 and 0.3 to reach a maximum in the stress
softening regime (8 ~ 0.5) and then decreases during
the strain hardening regime down to approximately 0.4
for A= 1.7.

According to Chen and Schweizer and to Dequidt
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et al [42, 43], the a-relaxation is an activated process
controlled by the presence of free energy barriers. The
application of a stress leads to a lowering of these free
energy barriers. This point of view accounts for the ac-
celeration of the dynamics upon applying a deformation,
from the onset of the non-linear regime before yield up
to the stress softening regime. From the increase of the
relaxation time 7, during the strain hardening regime,



and by keeping the picture of the a-relaxation as an
activated process still in the regime of strain hardening
-which we will justify later on-, we infer that in this
regime there is an additional contribution to the free
energy barriers that overcompensates the decrease due
to the stress and leads to an increase of the relaxation
time : the overall free energy barriers increase in the
strain hardening regime. From Figure 3.b one can read
that for A = 1.8, Ar, = 0.1 whereas the corresponding
stress is of the order of 70 MPa. As a consequence, the
measured evolution of the stress in the strain hardening
regime is consistent with the fact that this regime is the
consequence of the increase of the monomer relaxation
time 7,. This increase of the relaxation time results in
an additional contribution to the flow stress of the order
of opara(N) = G'g(Ta()\) — Teoft)\ Where Tyop is the a-
relaxation time at the end of the stress softening regime
and G is a high frequency (glassy) shear modulus of
order 10° Pa. This interpretation is in agreement with
the conclusions of Hoy and Robbins who attributed the
strain hardening to molecular mechanisms similar to
those which control yield stress and flow stress [62], that
is a-relaxation process and not e.g. entropic elasticity.

The increase of the stretching parameter 5 during de-
formation, up to the stress softening regime and before
the strain hardening regime, which corresponds to a nar-
rowing of the distribution of relaxation times, is inter-
preted by Conca et al as a consequence of a facilitation
mechanism [44, 63]. Note that the generic concept of
facilitation, i.e. the idea that local mobility may be ac-
celerated by a faster environment, is not recent [64, 65].
Subunits with intermediate relaxation times relax first as
a consequence of the applied stress (the fast ones relax
anyway, disregarding of the applied strain) and acquire
a faster dynamical state [43]. Just after yield, some very
slow subunits may persist with long relaxation times be-
cause they are the longest lived subunits and also because
they are no longer submitted to a high level of stress since
their neighbors have relaxed [43]. This is especially the
case during the stress-softening regime. Without any ad-
ditional mechanism, these very slow subunits would not
relax and should remain long-lived. This situation would
result in a broadening of the distribution of relaxation
times [43]. However, the very slow subunits are now sur-
rounded by very fast ones. As a consequence, the slow
subunits melt by a diffusion process [44] as it is described
in Fig.11. This melting process of slow subunits by fast
neighboring ones is the facilitation process [23, 24, 63].

The dominant scale for the a-relaxation process is also
set by the facilitation mechanism: Merabia and Long
proposed that slow dynamics correspond to upwards den-
sity fluctuations, and fast domains to downwards density
fluctuations [23, 24]. The smaller the scale the larger
the flucuations. One may then find denser domains at
smaller scales. On the other hand, density fluctuations
at very small scale are short-lived as a consequence of
their fast surrounding and their small scale. At an in-
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FIG. 11.  Left: A slow (high density) subunit of size { ~
3 — 5 nm within a faster (lower density) surrounding may
relax either by internal free volume reorganization (time 7;n¢)
or diffusion (time 74;57) (density differences are exagerated).
Right: variation of 7i,; ~ N~'/2? (dashed curve) and 7475 ~
N?/3 (dash-dotted curve) vs the number N of monomers in
subunits.

termediate scale &, it is possible to have relatively large
density fluctuations which are long-lived. This is illus-
trated in Fig.11 (right). The lifetime of slow domains
corresponds to the diffusion time of fast dynamics from
their neighbours. As a consequence of the facilitation
mechanism, the size £ = aN.'"? also sets the effective
width of the relaxation time distribution, between 7, (the
long time cut-off) and a short time limit 7, according to

Ta = NZ / 3Tf. This description, which allows for a cal-
culation of the dominant scale N., was found to be of
order 1000 monomers, or equivalently £ ~ 3 — 5 nm [23],
in agreement with NMR experimental results [18]. The
temporal asymmetry of the rejuvenation and ageing dy-
namics in glassy polymers [60] is a direct manifestation
of the facilitation mechanism introduced by Merabia and
Long [24, 66], which has been confirmed by Medvedev
and Caruthers [67].

The subsequent evolution of the stress after complex
histories of deformations such as that of the relaxation
protocol or of the unloading protcol has been the
object of many studies. The first striking observation
(see figures 5 and 8) is that the stress-strain curve
rejoins the reference curve after a few tens of percent
of subsequent deformation. This behavior is part of
what is generically called Bauschinger effect [12, 68].
It means in particular that the relaxations, which take
place in the sample during the ageing step do not erase
the memory of the first deformation amplitude A at
which the deformation is stopped allowing the ageing of
the system. As a consequence, the possible structural
evolution responsible for strain hardening appears not
to relax, or to relax very slowly and negligibly during
ageing at intermediate deformations. These possible
structural changes may be chains orientation as hy-
pothesized by Hoy and Robbins [62] or by Chen and
Schweizer [34] and measured experimentally by Vogt
et al [69]. Indeed, chain orientation, which increases



upon the applied deformation, relaxes slowly when the
applied stress is removed as compared to the stress
which may be suppressed almost instantaneously. Thus,
the contribution of the orientation to the free energy
barriers s(A) remains constant and positive, whereas
the negative contribution of the stress to the free
energy barriers cancels almost instantaneously when the
macrocospic stress is suppressed as we will discuss below.

On the other hand, we do observe for protocol II an
overshoot of the stress that is present upon resuming
the deformation, followed by a stress softening regime.
Qualitatively at least, the first 10-15% of subsequent
deformation after the ageing step are similar to the first
deformation at the beginning of the experiment, though
the initial slope is steeper for the second deformation
as compared to the first one. This feature is classically
observed when studying Bauschinger effect [12, 68, 70].
We deduce from this observation that the degrees of free-
dom which set the free energy barriers for a-relaxation
corresponding to yield and stress softening have relaxed.
This is a well-known feature. At short times after a first
large amplitude deformation, the overshoot of the stress
and the stress-softening regime are suppressed [3, 71].
This overshoot and the ensuing stress softening regime
appear again after a relatively short time scale allowed
for ageing as characterized by Govaert et al 3, 6, 72].
From these classical observations, we deduce that the
degrees of freedom which control the free energy barriers
associated to yield and stress softening are different from
those which control the free energy barriers associated
to strain hardening. The first ones relax relatively fast,
on time scales of a few thousand of seconds as studied by
Govaert et al by an ageing process, whereas the second
do not relax on times scales of a few hours or even tens
of hours.

From this discussion, we deduce that the effect of
the applied deformation on the free energy barriers
for a-relaxation is the sum of two contributions: 1) a
contribution due to the stress, which reduces the free
energy barriers; 2) a contribution of chains orientation,
which increases the free energy barriers. These two
contributions are discussed in the next subsection.

IV.2. Free energy barriers dependence on the

stress and on chain orientation

a-relaxation is an activated process. In the presence of
a local stress o, and before strain hardening takes place,
Dequidt et al [43] and Conca et al [44] have proposed
recently that the free energy barrier for a-relaxation is
given by
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& ~ Ncl/ % ~ Bnm is the characteristic length of
dynamical heterogeneities where «-relaxation takes
place. a ~ 0.5 nm is a monomer size. AFy(T,p)
is the free energy barrier for the polymer at rest
before stress has been applied. It depends on the
temperature, on the local state (density p), and on
the ageing process undergone by the considered sub-
units. The quantity o:0 is the invariant defined as
oo = (1/2) [(01 —02)2 + (02 — 03)% + (03 — 01)2]
where 01,09, 03 are the eigenvalues of o, the local stress
tensor. In pure shear deformation it is equal to SUEW
where o0, is the stress component associated with the y
and z-axes.

One sees that the stress lowers the free energy barriers
quadratically. For a glassy polymer which has aged for 6
months and which has a relaxation time of the order of

10% s, this barrier is of the order of 7 eXp(kABFIO‘) ~ 10,

where 79 ~ 10725 is a balistic time between collisions on
the monomer scale and kp is the Boltzmann constant.
The barrier is thus of the order of AFy ~ 45kgT. Under

an applied stress o, the corresponding relaxation time 7

is given by :
&8 o0
- ; (3)
2kpT G

ol p.) = 7o)

Note that Equation 3 incorporates explicitly only the ef-
fect of the deviatoric stress and not the effect of the hy-
drostatic component of the stress. Taking the deviatoric
stress into account is sufficient when considering only ei-
ther tensile test experiments or deformation in compres-
sion [45, 46, 68, 73], because the effect of the hydrostatic
component on the relaxation time is relatively small as
compared to that of pure shear. On the other hand one
must take this effect into account when one aims at com-
paring tensile test experiments with those in in compres-
sion [13, 48]. This is done by adding a multiplicative
factor on the r.h.s of Equation 3 of the type exp(p/po)
where p is the hydrostatic component of the stress and
po is a constant of the order of 108 Pa typically. For the
considered experiments, the argument p/py never exceeds
the value of the order of 1, whereas the relaxation times
vary by many orders of magnitude due to the deviatoric
component [48].

It is important to note that the change of free energy
barriers per monomer due to the stored elastic energy,
at yield, as compared to the thermal energy kpT,
5f/kpT = a0 : 0/(2kpTG)) is very small, of the order
of 1072, At the scale of N, monomers (or equivalently
at the scale ¢3), the decrease of free energy barrier
NOf/kpT = &0 : o/(2kpTG)) is of the order of
10. When the applied stress reaches the value o, ~
e.g. 70 MPa, it follows that the free energy barrier
for relaxation drops from e.g. 45kpT to 35kgT, which
corresponds roughly to 7, ~ 10%s, that is the time scale
of the experiment [45]. Note that these estimates are
comparable to those of Hebert et al [55] and of Bennin



et al [30] who discussed the activated nature of the
a-relaxation process during plastic flow.

Even though the stress increases during the course of
deformation in the strain-hardening regime, the relax-
ation time increases as well. As a consequence, we ex-
pect that the free energy barriers increase as compared
to Equation (2). Given Equation (2) and its proposed
extension for taking SH into account, the free energy
barrier per monomer should be given by an expression
of the type :

CLSUZU

Sf(o,\) =o0Fy — — 27
2G),

+ k(N) (4)

where k() is the positive contribution to the free energy
barrier per monomer of the microscopic mechanism
responsible for strain hardening which overcompensates
the decrease of the free energy barrier due to the stress.
0Fy is the free energy barrier per monomer in the
glassy state, typically 4 x 1072kgT. An increase of
the relaxation time 7, by about one decade (slightly
less more precisely) between stress softening and a
deformation amplitude of A = 1.7 corresponds to an
overall increase of the free energy barriers per monomer
of order 0.005kgT. Since the contribution of the stress to
the reduction of the free energy barriers between stress
softening and the deformation A = 1.7 is of the order
of 0.005kgT , we deduce that the contribution of the
mechanim which leads to stress hardening, k(A = 1.7), is
of the order of 0.01kgT per monomer, that is of the order
of 10 kT on the scale N, of dynamical heterogeneities.
During these various regimes, the a-relaxation process
remains an activated process, with barriers larger than
35 — 40kpT.

The scale £ ~ 5 nm or N, ~ 1000 plays a key role
for plastic deformation. Its temperature dependance has
been deduced from small probe diffusion measurements
[17]. To this date, no experiment hints to a stress depen-
dence of £. Note that Ediger experiments in reference [2§]
could be accounted for a single £ value at different stress
level. At this stage we will consider that £ is constant
during applied deformation, though such an assumption
warrants further experimental investigations.

Recent work performed by molecular dynamics
simulations relate also chain orientation with strain
hardening behavior [62]. It is important to note that
chain orientation does not intervene in strain hardening
through chain elasticity as described by Haward [8] but
through enthalpic effects of the same nature that control
yield and flow stress, that is free energy barriers on the
monomer level associated to a-relaxation. The term
%(A) in Equation (4) is the contribution of the structural
change to the free energy barrier for a-relaxation. We
deduce from our experiments, as well as classical results
regarding strain hardening that this contribution relaxes
slowly e.g. once the applied strain is stopped. As a
consequence, we propose that a future theory aimed
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at describing the physics of strain hardening should
propose a dynamical description of chain orientation
under applied deformation taking into account the local
relaxation time and the heterogeneous nature of the
dynamics. Conca [74] proposed such an equation for
monomer orientation resulting from the competition
between applied strain which induces stretching of the
monomers, and entropic relaxation of the orientation on
the monomer scale. Note that Hoy and O’Hern intro-
duced such an equation on a larger scale corresponding
to the overall chains [75].

On the other hand according to Equations (2) and (3),
the stress contribution to the free energy barriers relaxes
immediately when the stress is brought back to zero. In
the expression regarding the change of free energy per
monomer due to the stress ¢ and to chains orientation
(Equation (4)), the contribution due to the stress adjusts
instantaneoulsly to the applied stress (apart from stress
fuctuations on the local scale due to disorder), whereas
k(A) relaxes very slowly and may require days or weeks
or more to relax. The effects of stress and of chain
orientation behave very differently as regards to their
contribution to free energy barriers. This is observed in
fig.5(d) and fig.10(c), where we see that the dominant
relaxation time increases rapidly during the ageing step
when A = 0. On the contrary, the dominant relaxation
time drops rapidly upon resuming the deformation as
can be observed in the same figures, or also at the very
beginning of the applied deformation. The effect of the
stress on the relaxation times is very fast as it is implied
by Equation (3). The key for describing strain hardening
of glassy polymers is the quantitative description of
chain orientation dynamics as we have just discussed.

In Figure 4.(b) we observe that the stretching param-
eter 3 decreases with 7, for stretched samples: at high
strain rates, the distribution of relaxation times gets nar-
rower. This effect has also been observed in PMMA by
Ediger and collaborators in several experiments [26, 27].
Here, 3 varies between 0.5 and 0.38 which are values
larger than typical  values of polymers at rest, which
can be as low as 0.2 — 03 [26, 27]. There is not yet
a complete understanding for the master curve of Fig-
ure 4.(b), but we may undertsand why the distribution
gets narrower under stress as compared to the polymer
at rest. This effect is the results of two mechanisms: the
first one is the acceleration of the dynamics by the stress
as discussed with equation (2): slower subunits support
larger stress as compared to faster ones before relaxing.
As a consequence, the fact that they are more acceler-
ated contributes to make the RTD narrower. The second
mechanism which contributes to this effect is the facili-
tation mechanism: some slow subunits may persist with
a very low stress applied onto them when their neighbors
have all relaxed. This would contribute to a broadening
of the relaxation time distribution. On the other hand,
these slow subunits relax and become faster ones as a



consequence of the facilitation mechanism which melts
them [24, 44].

Without explicitly describing a coupling between chain
orientation and the a-relaxation time, Hoy and O’Hern
[75] introduced a coupling between chain orientation and
the ability of the polymer glass to build an increasing
stress during applied deformation. For this purpose, they
introduced a dynamical equation in order to calculate
large scale chain orientation evolution during applied
strain. Large scale chain orientation relaxes slowly, with
relaxation time scaling as the molecular weight IV of the
chains during applied strain, and as N2 upon cessation
of the flow. In the picture of Hoy and O’Hern, the stress
increase is a direct effect of chain orientation and the
associated increase in size of plastic events correlation
zone. Memory effects are incoporated in the model as a
consequence of the slow relaxation of large scale chain
orientation. Their approach may then also be tested to
interpret the kind of effects that we discuss in this article.

IVv.3.

Interpreting the memory effects

The stress-strain curve of the relaxation protocol (Fig-
ures 7(a) and 7(d)), together with Figures 7(b) and 7(e)
may give some indications regarding the relaxation pro-
cesses at play during plastic flow. We have just discussed
that the yield behavior is associated to a contribution
which lowers the free energy barriers, the stored elastic
energy on scale ¢ according to Dequidt et al [43]. This
contribution relaxes partially during the relaxation pro-
tocol, otherwise the second deformation would recover
the reference curve immediately, but this relaxation is not
complete, otherwise the second deformation should su-
perimpose (if shifted adequately) to the reference curve.
Here also, we deduce that the internal variables that con-
trol the first part of the deformation curve, up to yield
and strain softening, relax relatively fast, in particular
when the applied stress is non zero as it has been shown
by Clarijs et al [72]. On the other hand, the fact that the
stress-strain curve and the tan§ curve come back on the
reference curve after 20% of deformation indicates that
the internal variables that control the stress-hardening
process relax more slowly. This is consistent with our
proposition that the free energy barriers variations dur-
ing applied strain is the sum of two different contribu-
tions: one which is a function of the stress and another
one which is a function of chain orientation. The first
contribution evolves rapidly, e.g. when the stress is re-
laxed, the second one is a slow variable, which requires
chain conformation relaxation.

After resuming the deformation, two opposite effects
are at work regarding the evolution of the free energy
barriers for a-relaxation and therefore for the evolution
of the a-relaxation time and the whole distribution of
relaxation times. First, the stress increases, which con-
tributes to decreasing the free energy barriers according
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to Equations (3)-(2) and therefore to the acceleration of
the dynamics and to the rise of tand. In the same time,
the structural change in the sample, that is the chains
orientation, which contributes to increasing the free en-
ergy barriers goes on. Upon resuming the deformation,
chains orientation starts increasing again. This struc-
tural change does not start from zero because chain ori-
entation is slow to relax and has negligibly relaxed during
the waiting time. This contribution tends to increase the
free energy barriers, therefore to increase the relaxation
times and thus to reduce the increase of tanéd as com-
pared to the first deformation from the inital system. The
applied deformation has simultaneously these two effects.
The effect of the strain hardening mechanism is apparent
on the aged systems because the acceleration of the dy-
namics requires about 10% of deformation, similarly to
the reference curve in its initial state. On the other hand,
during these additional 10% deformation, the structural
change is enhanced and the free energy barriers for re-
laxation increase due to the initial non zero contribution
which is absent for the undeformed reference system. The
smaller value reached by tand upon resuming deforma-
tion, and the broadening of its evolution to rejoin the
reference curve are the consequences of the contribution
of chains orientation to the free energy barriers. This ef-
fect can be observed in Figure 5(d ) where we plot the
evolution of 7, during the course of the second protocol.
One can observe that 7, decreases rapidly after resuming
the deformation at time ¢t = 5000 s. 7, reaches a min-
imum which corresponds to a larger value as compared
to the initial deformation: about 100 s instead of 30 s.
The larger minimum value of 7, is the consequence of
the long-lived increase of free energy barriers associated
to the strain hardening mechanism.

Iv.4.

Comparison between relaxation protocol and
unloading protocol

It can be observed that both the dielectric response
and the mechanical response differ strongly between
protocol IT and III. The first specific difference between
these two protocols is the appearence of a stronger stress
overshoot in the relaxation protocol as compared to the
unloading protocol, and a broader dielectric response in
protocol II as compared to protocol III.

This effect may be understood as a consequence of
stress-accelerated ageing [72]. It has been observed long
ago by Vincent [56] and other groups [13] that ageing is
faster in a glassy polymer under an intermediate level
of applied stress as compared to a totally unloaded
polymer. In protocol III, the stress is completely
removed during the ageing step. As a consequence, the
relaxation times associated to ageing dynamics increase
very rapidly as observed in Figure 10c. This is consistent
with Equation (2): the state of the sample does not
evolve in a measurable way during the ageing step. This



suppression of ageing is thus responsible for the almost
immediate recovery of the reference stress-strain curve.
From the fact that the same observation can be made
for the dielectric response (Figure 10.b), which recovers
the reference curve immediately after resuming the
deformation, one can infer that the whole spectrum of
relaxation times is practically frozen during the ageing
step of protocol III.

Merabia and Long have described the structural relax-
ation of a glassy polymer upon heating or upon cooling
[24]. They introduced a stochastic model for describ-
ing the evolution of the distribution of density p and
of the ensuing distribution of 7(T, p) under any temper-
ture history. It allowed us to describe e.g. how the sys-
tem evolves towards higher density after a temperature
down jump. The dynamics of structural evolution to-
wards higher densities after quenching, or lower densities
after heating, is described by a Fokker-Planck equation
in density space. The kinetics coefficient of this equa-
tion read y(p) ~ 77 1(p, T) which are diffusion coefficient
in density space. The value assumed by 7(p) depends
not only on p but on the whole density distribution p(p)
through the facilitation mechanism. This equation de-
scribes the structural relaxation of the polymer samples
towards the equilibrium distribution of density peq(p, T).
In the absence of applied stress, 7(p,T') is given by the
WLF law expressed as a function of the density at a
given temperature. Under a shallow temperature down
jump, the distribution of the density fluctuations evolves
towards larger densities, and the corresponding distribu-
tion of relaxation times towards longer relaxation times
as described in Figure 12. On the other hand, if the
temperature is too low, as it is the case for polycarbon-
ate at room temperature, this ageing does not take place
because the relaxation times 7(p,T) become too long.

Dequidt et al and Conca et al [43, 44] considered how
the distribution of relaxation times evolves under applied
strain or stress. Equation (3) expresses the fact that
in the presence of a deviatoric stress o — 1/3Tr(0)lq4,
the dynamics is accelerated. @ The decrease of the
a-relaxation time may allow the sample to flow (plastic
flow). It may also allow the system to age structurally
according to the Fokker-Planck equation of reference [24]
since these are the same a-relaxation processes which
are involved in flow or for densification of the sample
[39]. This densification leads to an increase of the first
term 7(T), p) on the r.h.s of equation (3). The progressive
increase of the corresponding distribution of relaxation
times is responsible for the stress overshoot and stress
softening in the second protocol as well as the overshoot
of tand and the slow recovery of the tand curve on
the reference curve. If one assumes that the stress is
uniform, studying structural ageing under applied stress
thanks to the Merabia-Long Fokker-Planck equation
amounts just to rescale the time scale by the factor

exp (—% "G?> On the other hand, regarding the third
0
protocol, the stress in the r.h.s. of equation (3) (which
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FIG. 12. Ageing dynamics of a polymer after a shallow tem-
perature down jumps. One plots here the evolution of the
distribution of relaxation times after a waiting time up to 10°
s. In the case of a down jump to a much lower temperature,
and in the absence of stress, this dynamics is frozen, whereas
the imposition of an intermediate level of stress may allow
ageing to take place. The underlying ageing mechanism is as-
sociated to a progressive evolution of the density distribution
towards larger densities [24]

is not strictly zero due to fluctuations in a disordered
sample) is much smaller than for the second protocol.
The distribution of relaxations times (7(T,p,0)) is
shifted to larger values and no structural ageing is
possible. The densification of the material cannot take
place. There is thus no stress overshoot and no stress
softening upon resuming the deformation. The ensuing
response of the system rejoins almost immediately the
curve of the reference protocol as can be observed for
both the mechanical and the dielectric response.

V. DISCUSSION AND CONCLUSION

Among the earliest experiments aiming at studying
how a predeformation modifies the relaxation times spec-
trum, researchers performed mechanical spectroscopy ex-
periments (see e.g. reference [76] and references therein).
The authors applied to the samples a first deformation,
and then small oscillatory perturbations for measuring
the viscoelastic response in this transient state. Bel-
guise et al [46] performed recently experiments in the
same spirit with a precision far beyond those previously
achieved. They measured the subsequent stress relax-
ation functions. The spectrum of these relaxation func-
tions could be quantitatively fitted by using the model
of Long et al [39, 43, 45]. They confirmed quantitatively
that the free energy barriers are reduced by an amount
quadratic in the applied stress, that is the stored elastic



energy on the scale € of the a-process, and that this scale
is of the order of 5-6 nm [46].

Upon deformation, up to the onset of the strain
hardening regime, we observe that the width of the
distribution of relaxations time decreases, which is
quantified by the evolution of the stretching parameter
B. This effect can be understood as a consequence of
the facilitation mechanism which is at the very heart
of the a-relaxation process [23, 24, 45]. We proposed
that the change of free energy barriers due to the
applied strain is the sum of two terms: 1) one which is
a function of the local stress. 2) a second one which is
a function of the local monomer orientation. The first
one relaxes immediately as a function of the applied
stress whereas the second one relaxes very slowly deep
in the glassy state. The slow relaxation of chains
orientation could explain the various memory effects
observed in the strain hardening regime and generically
named Bauschinger effect. It could explain the fact
that a second deformation after some waiting time at
some point in the strain hardening regime rejoins the
reference curve, whereas a yield stress is present for
this second deformation: the degrees of freedom which
control the free energy barriers associated to yield relax
fast, whereas the degrees of freedom which control the
free energy barriers associated to plastic flow in the
strain hardening regime (monomers orientation) relax
slowly. This mechanism could also explain both the
dielectric response during the second protocol, and the
mechanical response, and various features such as the
relative values of the tan § peaks in the first deformation
and that during the second deformation, as well as the
delay before the second curve rejoins the reference one.
We propose that the broadening of the distribution of
relaxation times in the strain hardening regime is the
consequence of this increase of free energy barriers.
Indeed, the latter slows down all the subunits and makes
the facilitation process less and less efficient. Note
that theoretical calculations have shown that without
facilitation process, the distribution of relaxation times
should broaden under applied strain, even without strain
hardening mechanism [43, 44].

Ediger and co-workers performed similar measure-
ments [26-28] by studying the reorientation dynamics
and by performing successive steps of deformation. They
performed creep experiments at constant engineering
stress. At various steps, they removed the stress alto-
gether and waited for different periods of time before
resuming the creep experiment. Among the various
features observed in their experiments, they measured
the evolution of the relaxation time after the stress is
completely suppressed at some point in the SH regime.
A drop of the dominant relaxation time by almost
two decades is observed (see Figure 5.(b) in reference
[27]). After this drop, shortly after stress removal,
the relaxation time increases again during the ensuing
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ageing process. Simultaneously, just after the stress
is suppressed, a contraction of the sample is observed
by a large amount, close to 10%. A large part of this
contraction is fast as compared to the time resolution
of the experiment.Then, the relaxation of the sample
deformation goes slowly at longer time scales. This
specific feature of the memory effects studied by the
group of Ediger can be understood qualitatively by
the mechanisms that we introduced in this manuscript:
during the retraction step, the orientation of the
monomers decreases rapidly. This results in a decrease
of the free energy barriers. As it happens, this decrease
of the free energy barriers is larger than the increase
due to stress removal: the overall evolution of the free
energy barriers is negative and the relaxation time
decreases. Subsequently, the sample starts ageing and
the relaxation time increases again.

On the modelling and or theoretical side, plastic de-
formation of polymers has been considered by Schweizer
and co-workers within the NLE model [34, 41, 63]. The
Schweizer model allows for describing the stress soften-
ing effect, a defining feature of aged glassy polymers,
whereas some other models do not [77, 78]. Note that
the decrease of the free energy barriers as a function of
the applied stress in the theory of Schweizer et al [41] is
a convex function with a non-zero slope at o = 0. It is
thus qualitatively different from the quadratic function
—o : o introduced by Dequidt et al [39, 43] which is
concave and has a slope zero at 0 = 0. Note also that
according to the theory of Schweizer et al, the barrier
cancels altogether at a critical value of the stress o,
whereas in the theory of Dequidt et al barriers are
present at any value of the stress: the flow remains
activated with free energy barriers of the order of 30-35
kT at least. A fundamental difference also between
these two approaches is the scale involved in the a-
relaxation process: Dequidt et al assume that this scale
involves about N, ~ 1000 of monomers [23, 43] whereas
Schweizer et al consider cages of order 10 monomers
[41]. Medvedev and Caruthers [77] have adapted the
stochastic model introduced by Merabia and Long [24]
to study the evolution of the distribution of relaxation
times under an applied stress instead of a temperature
change. They introduced a coupling between the stress
and the free energy barrier AF o (02/0% — 1) which
is also very different from the coupling introduced by
Dequidt et al [39, 43] and is also a convex function
instead of a concave one, with a non zero slope at small
stress. It is very different from the coupling obtained for
interpreting their experimental data in reference [46].

Strain hardening per se has been recently studied by
Zou et al, by coarse-grained molecular dynamics simu-
lations [79, 80]. In their simulations they renounce to
describe yield and plastic flow itself. The latter is in-
troduced phenomenologically in a one parameter model.
In this picture, coarse-grained polymer beads interact



with an abstract glassy sea in which they are embed-
ded. They are dragged by the applied deformation and
strain hardening results from the strong elongation of
chain segments forming hair-pins and of finite extensi-
bility and of strongly non-linear tension as a function
of their extension. The friction parameter is an unwar-
ranted adjustable parameter which allows the formation
of the strain hardening due to the springs extension pro-
duced by the applied strain. Indeed these springs do not
have the time to relax due to the high friction within
the abstract glassy background. Note that the model of
Zou et al is not able to obtain the experimentally ob-
served strain hardening in shear. Furthermore it does
not predict changes in the relaxation times. Our and
other experiments show that these changes, which are
not monotonic as a function of the applied stress, are key
features of plastic deformation and of strain hardening in
stretched glassy polymers [26, 27, 33, 37].

In conclusion, we have studied the evolution of the
dominant relaxation time and of the relaxation times dis-
tribution, when the sample is deformed from the linear
regime to the strain hardening regime up to very large
strain. We have also considered complex protocols dur-
ing which the deformation is first stopped at intermedi-
ate values of the strain and then resumed after different
waiting times. There is currently no theory for calculat-
ing the evolution of the distribution of relaxation times
in the strain hardening regime but our experimental re-
sults point towards an increase of the free energy barriers
due to chain orientation in this regime, consistently with
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the model proposed by Chen and Schweizer [34]. This
chain orientation contribution to the free energy barriers
relaxes very slowly whereas the contribution of the stress
as described in references [43-45] evolves almost imme-
diately with the applied stress. Our experiments and the
associated discussions provide routes for a spatial calcu-
lation of the evolution of the distribution of relaxation
times up the strain hardening regime. We propose that,
in order for quantitatively explaining our resuts as well
as other results from the literature, theoretical and ex-
perimental works should aim, in particular, at describing
the evolution of the monomer orientation distribution as
a function of the thermo-mechanical history of the sam-
ples. Finally, let us note that we have studied aged sam-
ples for which we do not know the exact ageing histo-
ries. Senden et al [81] have studied various ageing con-
ditions on PC. Though these conditions have an impact
on stress-softening, they found that the strain hardening
regime was essentially unsensitive to these various age-
ing histories. We expect then our results to be robust at
this regard. On the other hand, performing similar ex-
periments as ours on samples undergoing various ageing
histories should be of high interest for a deeper under-
standing of the various relaxation mechanisms.
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